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Abstract:

Transport of Ag fission product through the silicon-carbide (SiC) diffusion barrier layer in
TRISO fuel particles is of considerable interest given the application of this fuel type in
high temperature gas-cooled reactor (HTGR) and other future reactor concepts. The reactor
experiments indicate that radiation may play an important role in release of Ag; however
so far the isolated effect of radiation on Ag diffusion has not been investigated in controlled
laboratory experiments. In this study, we investigate the diffusion couples of Ag and
polycrystalline 3C-SiC, as well as Ag and single crystalline 4H-SiC samples before and
after irradiation with C*ions. The diffusion couple samples were exposed to temperatures
of 1500°C, 1535°C, and 1569°C, and the ensuing diffusion profiles were analyzed by
secondary ion mass spectrometry (SIMS). Diffusion coefficients calculated from these
measurements indicate that Ag diffusion was greatly enhanced by carbon irradiation due
to a combined effect of radiation damage on diffusion and the presence of grain boundaries

in polycrystalline SiC samples.
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1. Introduction

Tristructural-isotropic (TRISO) particle fuel is the fuel configuration of choice for the
next generation high temperature gas-cooled reactors (HTGR) [1]. TRISO fuel particles
consist of a spherical uranium-containing kernel coated with successive layers of graphite,
silicon-carbide (SiC), and graphite. The SiC layer deposited by chemical vapor deposition
(CVD) is intended to act as the main barrier to the transport of fission products and
radioisotopes out of the fuel particles. While modern TRISO fuel has demonstrated
excellent retention of fission products and radioisotopes, variable release of 11°MAg from
otherwise visibly intact particles has been observed [2].

In order to understand the mechanism(s) of Ag release, extensive studies, including
out-of-pile release measurements from irradiated TRISO fuel [3-6], surrogate Ag diffusion
experiments [7-11], and computer simulations [12-15] have been performed. While
diffusion coefficients measured in laboratory diffusion couple experiments are in a very
good agreement with values predicted by computer simulations, these diffusion
coefficients are orders of magnitude lower than those observed in actual fuel release
experiments. The reason for these discrepancies is not explicitly known, but one important
difference between the in-pile and out-of-pile experiments is the presence of radiation in
the former measurements. The effect of radiation damage on Ag release has been
hypothesized in previous studies [4,8,16-18], yet the magnitude of the enhancement and
the mechanism remain largely unknown. Here, we investigate the hypothesis that radiation
damage plays an important role in Ag transport through the SiC layer. Radiation enhanced
diffusion has been widely observed during dopant implantation and annealing in
semiconductors [19,20]. Evidence for enhanced diffusion of Ag in SiC has also been
reported in some of the surrogate Ag-SiC diffusion couple studies [11,21]. However, the
main purpose of implantation in those experiments was to introduce Ag into SiC and
therefore the radiation damage produced was short-ranged and not intentionally controlled.
Furthermore, the implantation temperatures in those studies (room temperature to 600°C)
are also different from the operating temperatures of TRISO particles (800°C to 1400°C
[22]), which may result in different types of radiation-induced defects between the two
temperature ranges. Connell et al. [17] investigated transport of Ag-Pd mixture in well-
controlled neutron irradiated 3C-SiC and showed that Ag-Pd transport was significantly
enhanced in the high temperature and high dose irradiated samples. However, it remains
unclear whether these conclusions are valid for Ag diffusion in the absence of Pd.

In the present study, the effects of carbon ion irradiation on the diffusion of Ag in
poly-crystalline 3C-SiC and single-crystal 4H-SiC have been investigated by secondary
mass spectrometry (SIMS) in a controlled and quantitative manner. Diffusion coefficients
of Ag in irradiated and unirradiated samples were compared. In addition, we use atomistic
simulations to propose a possible radiation enhanced diffusion mechanism.

2. Materials and Methods
2.1. Experiments



Silicon carbide, with more than 200 polytypes, is commonly found as 3C, 4H, 6H and
15R in chemical vapor deposited (CVD) samples [23]. Current TRISO design chooses
CVD conditions for growing the polycrystalline SiC in such a way that the crystallites are
predominantly 3C, which is the preferred polytype for high temperature nuclear reactor
applications [24-26]. In this study we use polycrystalline CVD 3C-SiC from Rohm and
Haas and 4H-SiC single crystal wafers 4° off (1000) from Cree, Inc. The average grain size
of our CVD 3C-SiC samples was measured to be ~18um [27] whereas the average grain
size measured in the SiC layer of TRISO is typically in the range from sub-micrometers to
3.2 um [23]. Grain boundary (GB) distribution measured for our 3C-SiC [27] showed that
the fractions of low-angle GBs, coincidence site lattice GBs, and high energy GBs are
similar to those measured in SiC layer of TRISO particles [28].

Before carbon ion irradiation, samples were polished to an arithmetic surface
roughness (Ra) of less than 10 nm using successively finer diamond polishing media
culminating in a final polishing step with 0.05 um colloidal silica. We prepared three 3C-
SiC and three 4H-SiC bulk samples. For each type of material, two samples were subjected
to carbon ion irradiation to introduce radiation damage, and the third unirradiated bulk
sample was used as a reference (control) system.

Carbon ion irradiation was conducted at the University of Wisconsin-Madison lon
Beam Laboratory (UW-IBL). Samples were irradiated at 950°C with 3.15MeV C2* beam
using a tandem accelerator equipped with Source of Negative lons via Cesium Sputtering
(SNICS). The irradiation current was ~2.51A and the total fluence was 1.1x10%" ions/cm
2, Both C?" irradiated and unirradiated 3C-SiC samples were simultaneously implanted
with 400keV Ag" at 300°C to a dose of 5x10%* ions/cm? at the Michigan lon Beam
Laboratory (MIBL). Similarly, the irradiated and unirradiated 4H-SiC samples were
simultaneously implanted with 400keV Ag?* at the same temperature and dose at the
INNOVION Corporation. Following Ag implantation, a ~220 nm thick diamond-like-
carbon (DLC) films were deposited on the surface of the samples for surface protection
during subsequent high temperature exposures. The DLC films were deposited using the
plasma immersion ion implantation and deposition (PI1ID) process [29] at the University
of Wisconsin, Madison. Deposition was performed using the acetylene plasma generated
by the glow discharge method at a pressure of 12 mTorr, and at near-room temperature.

After Ag implantation, individual samples (each approximately 8 mm x 8 mm in size),
were cut from the bulk control and carbon ion irradiated samples for thermal exposures at
various temperatures and times, as listed in Table 1. Detailed procedures of thermal
exposure are described in Gerczak et al. [30] where the authors studied Ag diffusion in
unirradiated polycrystalline 3C-SiC under the same conditions (i.e., annealing
temperatures and thermal exposure times) as in the current study. Here, the irradiated and
unirradiated samples were sealed in the same quartz tube during thermal exposure to ensure
that they have the same temperature history. These tubes were thermal exposed at the
constant temperature zone in an MTI GSL 1600X-80 tube furnace. Before every exposure,
the temperature of the constant temperature zone was adjusted and monitored with an

4



external Type-B thermocouple, ensuring that it reached the desired temperature. The
temperature fluctuation of the furnace during each exposure was less than 1°C. After
thermal exposure, samples were investigated by SIMS to understand the change in Ag
concentration profile as a function of depth.

Table 1. Thermal exposure conditions for various diffusion couples.

Temperature 1400°C 1500°C 1535°C 1569°C
C%" irradiated 5,10,20
) - 10 hours 10 hours
3C-SiC hours

Unirradiated
- 10 hours 10 hours 10 hours

3C-SiC
Time
C?* irradiated
. 10 hours 10 hours - 1,10 hours
4H-SiC
Unirradiated
10 hours 10 hours - 10 hours

4H-SiC

SIMS analysis was performed using a Cameca IMS 7f-GEO SIMS at the Institute of
Critical Technology and Applied Science Nanoscale Characterization and Fabrication
Laboratory at Virginia Tech. 1°“Ag intensity profiles were measured as a function of
sputtering time by rastering a 5 keV 03 ion beam over a 200 x 200 pm? area with a 33
pum-diameter optically gated analysis area. After the SIMS analysis, sputter crater depths
were measured using a Zygo optical profilometer to correlate sputtering time with depth.
The measured intensity was correlated with Ag concentration using a relative sensitivity
factor (RSF), calculated from the as-implanted (Al) samples using the 2Si as the bulk SiC
reference intensity. The relative sensitivity factors for 3C and 4H samples were calculated
using the appropriate 3C or 4H as-implanted samples.

2.2. Atomistic Modeling

The kickout and related reactions between stable Ag defects and Self Interstitials (SI)
are calculated using the Density Functional Theory (DFT) method. Calculations are
performed using the DFT based VASP code [31-34], and projector-augmented plane-wave
(PAW) method [35,36]. The exchange-correlation was treated in the Generalized Gradient
Approximation (GGA), as parameterized by Perdew, Burke, and Ernzerhof (PBE) [37]. A
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64-atom supercell was used as undefected 3C-SiC. All calculations in this paper were done
with the cutoff energy of 450 eV. A 3x3x3 Monkhorst-Pack mesh for k-space sampling
ensured that total energies converged within 100meV/defect. No charged supercells or
explicitly charged defects were considered in this study. In order to find the minimum
energy path, we used the climbing nudged elastic band method [38]. The errors associated
with k-point mesh and system size are estimated to be less than 130 meV/defect for the
formation energies and migration barriers.

To calculate the formation energy (AEy) of defects, we use the following expression:
EF = Edef - Eundet + Zi ANy g Where Eger and Eunder are energies of the defected and the
undefected cell, Any is the change in the number of the atomic species | in the defected cell
from the number of same species in the undefected cell, E, is the energy of atomic species
| in its reference state, and , is the chemical potential of the species I relative to the
reference state used to determined E;. The C-rich condition chemical potentials are used
for silicon and carbon (usi= -5.89 eV, pc= -9.20eV). The particular choice of C-rich
condition is due to (i) C Frenkel pairs which are produced in higher quantities under
irradiation [39,40], and (ii) loss of surface integrity of SiC in TRISO and possible inflow
of C from pyrocarbon layers [41]. For the chemical potential of Ag, the DFT-calculated
formation energy of bulk solid phase Ag metal (Lag= -2.82eV) is used.

3. Results and Discussion
3.1. Experiments
3.1.1. Radiation/Implantation damage

Figure 1 shows the distribution of radiation damage in an irradiated 3C-SiC sample
after 1569°C thermal exposure. The scanning transmission electron microscopy (STEM)
was performed using a 300kV Technai TF-30 at the University of Wisconsin-Madison
Materials Science Center. STEM samples were prepared by traditional focused ion beam
(FIB) lift-out techniques using a Zeiss Augria FIB/SEM. FIB lift-out technique provided
cross-sectional TEM samples of the SiC structure along the implantation and diffusion
directions. SRIM code [42] was used to calculate the damage profile. In these calculations
we assumed SiC density of 3.21 g/cm?® and threshold displacement energies of 35 and 20
eV for Si and C, respectively. The calculated SRIM profile is overlaid with STEM image
in Figure 1.

The visible radiation damage extends to the distance of approximately 2750 nm from
the implantation surface. This damage consists of both black spot defects (BSD) and
dislocation loops, which observation is consistent with other reports [25]. The amount of
damage increases with implantation depth and has an approximately 250 nm wide highly
damaged band at the end-of-range. The difference between damage range predicted by
SRIM (2550 nm) and measured experimentally (STEM visible damage range,
approximately 2750 nm) is approximately 7.8%, indicating that the SRIM prediction is
applicable in this study.




Selected Area Electron Diffraction (not shown here) carried out on as-irradiated
samples and on irradiated and Ag-implanted samples showed no evidence of amorphization
within the entire irradiation/implantation range. In addition, previous study by Gerczak et.
al [11] on the same types of samples and with the same Ag implantation setup showed that
the Ag implantation does not have a significant effect on the microstructure of SiC.
Gerczak et al. found that the crystallinity of 3C-SiC was maintained after implantation and
the authors deduced that Ag remained in the solution, as no sign of segregation features
were observed. If there were significant implantation damage then Ag would likely
segregate to the damaged regions.

3.1.2. SIMS profiles

Figure 2 shows Ag concentration profiles for unirradiated 3C-SiC samples exposed for
10 hours to a constant temperature (different for each sample) in the range 1500-1569°C.
The Ag concentration in all exposed samples is observed to penetrate into the bulk SiC past
the Al peak, indicating thermal diffusion of Ag into SiC. It should be noted that, as
expected, we found Ag peak concentration to decrease for all the annealed samples as
compared to the peak of the Al samples. However, this effect is not easily seen in Figures
2-7 because Ag concentrations are plotted there on a logarithmic scale. We define a
penetration depth as the difference in the depth between the point where the “tail” of the
Al Ag SIMS profile reaches the concentration of 1x10 at/cm® and the point where the
same concentration is reached in the “tail” of the SIMS profile for annealed samples. This
penetration depth for unirradiated 3C-SiC samples was determined to be approximately
0.41 um at 1500°C, and 0.64 um at 1535°C and 1569°C.

Figure 3 shows the Ag depth profiles for irradiated polycrystalline 3C-SiC samples
exposed to temperatures 1500-1569°C for 10 hours. Similarly as for unirradiated samples,
Ag penetration “tail” is also observed in the samples that were first irradiated then
annealed. The Ag penetration depth determined for irradiated samples is approximately
2.08 um for 1500°C and 1535°C, and 1.86 um for 1569°C. These depths are significantly
higher than those observed in an unirradiated sample. This result provides evidence that
carbon ion irradiation enhances the diffusion of Ag in 3C-SiC. In an earlier study by
Gerczak et. al [11] it was found that during the isothermal exposure of unirradiated, Ag
implanted polycrystalline 3C-SiC at 1569°C from 5-20 hours, the Ag penetration depth
increased with exposure time and this effect was suggested to be due to grain boundary
(GB) diffusion mechanism. The penetration depths calculated from Ref [11] for
unirradiated 3C-SiC thermal exposed at 1569°C for 5, 10 and 20 hours are 0.47, 1.07 and
1.58um, respectively. These depths are higher in the case of the irradiated 3C-SiC.
Specifically, as shown in Figure 4, the Ag penetration depths in irradiated samples exposed
at 1569°C for 5, 10 and 20 hours are approximately 1.36um, 1.86um and 1.92um,
respectively. It can be seen that the diffusion depth still shows time dependence, although
the diffusion rate seems to slow down after 10 hours. This result indicates that a more




complicated radiation enhanced diffusion mechanism is active in carbon irradiated
polycrystalline SiC.

In the study from Ref. [11], the authors reported that unirradiated Ag implanted single
crystal 4H-SiC exhibits no Ag penetration “tail” into sample after thermal exposure, which
IS in contrast to the findings for polycrystalline 3C-SiC. Instead, in 4H-SiC a redistribution
of Ag profile was seen within the damage range induced by Ag implantation (from the
surface to the depth of approximately 500 nm). The authors reported a bi-modal Ag
concentration profile and they speculated that the development of such profile in the
thermal exposed samples resulted from non-equilibrium Ag interstitial diffusion, which are
then trapped at trans-end-of-range defect sinks that are concentrated at the end-of-range
implantation peak.

The SIMS profiles determined in this study for unirradiated single crystal 4H-SiC
samples are shown Figure 5. These profiles also lack Ag penetration “tail” and show a bi-
modal distribution, which is consistent with the aforementioned trends reported in Ref [11].
While Al 4H-SiC substrate has a singular Ag concentration peak in the diffusion profile at
~140 nm, all thermal exposed samples show a bi-modal Ag distribution with the primary
peak remaining at ~140 nm and a secondary peak at ~500 nm (see inset in Figure 5).
Interestingly, the secondary peak becomes more pronounced as the exposure temperature
increases. This may indicate a weak defect annihilation at lower temperature (1400°C),
which is driven by interstially driven diffusion of Ag [11]. Within the implantation induced
damage range, Ag mobility was enhanced by radiation damage, which led to the observed
redistribution of Ag.

The SIMS profiles of irradiated single crystalline 4H-SiC are shown in Figure 6. Figure
6 (a) shows the Ag depth profiles for carbon irradiated samples exposed to temperatures
1500 and 1569°C for 10 hours and Figure 6 (b) shows Ag concentration profile for
irradiated samples that were exposed at 1569°C for 1 and 10 hours. In all of our single-
crystal 4H-SiC data we found no significant diffusion of Ag. Since radiation did not
enhance Ag diffusion in 4H-SiC (in contrast to a significant radiation effect observed for
3C-SiC), one can conclude that the Ag transport in 3C-SiC is mediated by GB diffusion
and this type of diffusion can be accelerated by radiation. For the C?* irradiated single
crystal 4H-SiC, a single peak is seen for all samples. Assuming that the bi-modal profile in
thermal exposed unirradiated samples was due to the annealing of implantation induced
defects in a confined region [11], it is plausible that the C?* irradiation followed by Ag
implantation introduced trapping sites at an effective density to immobilize the implanted
Ag. A similar behavior of suppressed diffusion of boron near the damage region was
reported in the ion implanted Si [43] and SiC [44]. Further microstructural analysis will be
needed to confirm the hypothesized origin of the bi-modal distribution.

By comparing SIMS profile results for 3C and 4H SiC, it could be concluded that the
Ag transport is mediated by GB diffusion. To be more specific, for unirradiated samples, a
clear Ag penetration was observed in 3C-SiC (Figure 2), but not in 4H-SiC (Figure 5). The
results are similar for irradiated samples where Ag diffusion was only seen in 3C-SiC
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(Figure 3) but not in 4H-SiC (Figure 6). In addition an enhancement of Ag diffusion is also
observed in irradiated 3C-SiC (Figure 3) as compared to the unirradiated 3C-SiC sample
(Figure 2), indicating that GB diffusion can be accelerated by radiation.

It should be noted that the polycrystalline SiC and single crystal SiC samples have
different polytypes, which are 3C and 4H, respectively. However, we do not believe that
the polytype will alter our conclusions for the following reasons: (i) Diffusion through 3C
and 4H is not expected to be significantly different because of the same short-range order
in the two polytypes; (ii) The polytype would primarily affect bulk diffusion. However, Ag
diffusion through bulk has been shown to be very slow both in the case of 3C (based on
the DFT calculations [12]) and in 4H or 6H (based on the lack of observation of Ag
diffusion in experiments [11,21,45]). For these reasons it is commonly assumed [11,21]
that the difference in polytype does not have a significant effect on diffusion.

3.1.3. Comparison of effective diffusion coefficient in unirradiated and irradiated SiC

In order to quantitatively analyze the effect of carbon irradiation on enhancing Ag
diffusion, the diffusion coefficients for both unirradiated and irradiated samples were
determined from the SIMS results discussed in the previous sections.

A direct discrimination of the contributions from lattice diffusion and GB diffusion to
the observed Ag diffusion in 3C-SiC is not possible as the lattice diffusivity cannot be
quantitatively assessed due to the slow diffusion of Ag in single crystal 4H-SiC and due to
the spatial/mass resolution limit at the "tail" of the concentration profile. Therefore, we
only report an effective diffusion coefficient D, which is a combination of GB diffusion
Dgb and lattice diffusion D, coefficients.

For ion implantation diffusion experiments, the main implantation peak serves as a
constant source approximation when the peak concentration is greater than the solubility
limit, S(T), of the system. An effective diffusion coefficient D of a Fickian type diffusion
can be determined by the following equation

d—d
C(d,t) = Cyerfc ( «m) )

where C, is the concentration at which the impurity diffuses into the bulk and it is usually
equal to the solubility of the impurity. do is the depth at which the impurity concentration
equals to Co, d is the depth where the concentration is measured and t is time in seconds
[46]. This equation assumes a constant concentration (Co) at the source during the time of
the experiment. In these experiments, the peak Ag concentration is ~3x10'° and the
solubility (the highest Ag concentration in the Ag “tail”) is less than 1x10%7, which suggests
that the implanted Ag is more than enough to pin the concentration at its solubility limit
for the duration of the experiment, justifying the use of Equation 1.

By subtracting the Al Ag profile from the thermal exposed Ag profile, we can obtain
Ag diffusion profiles (symbols in Figure 7) for different exposure conditions. In this study,
our aim is to compare the diffusion of Ag in pristine SiC and in carbon irradiated SiC.
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Therefore, do is chosen as 500 nm to avoid the region damaged by Ag implantation as
identified in Ref. [11] for the same implantation conditions. If the experimental data
follows the trend described by Equation 1, a plot of erfc(C/Cyo) vs. (d- do) will yield a
straight line with the slope equal to (4Dt). An example of such plot for 3C-SiC samples
irradiated and heat treated at 1569°C for 10 hrs is shown in Figure 8. We first fit a linear
function based on all the points from depth 575 to 2675 nm (for unirradiated samples from
575 to 1725 nm) and then adjust C, until the intercept of the linear fit equals to zero. The
slope obtained from the linear fit is finally used to calculate D.

By plugging in the calculated D values into Equation 1, we can plot the fitted Ag
concentration profile, C(d,t), for each sample (see colored lines in Figure 7). The fitted
C(d,t) profiles align well with the experimental SIMS data for unirradiated samples,
whereas in irradiated samples they align well until ~2750nm, which is the termination point
of visible radiation damage as identified by TEM. Beyond the end of radiation damage, the
fitted C(d,t) profiles have a higher Ag concentration than the SIMS measured data points,
consistently with the hypothesis that radiation damage is the underlying reason for
enhanced Ag diffusion.

The calculated Co and D values for different exposure conditions in unirradiated and
irradiated 3C-SiC samples are summarized in Table 2, where the reported error is derived
from the standard deviation of the slope of the linear fit. From Table 2 we can see that the
effective diffusion coefficients in irradiated samples are 12.3, 5.3 and 4.1 times higher than
that in unirradiated samples at 1500, 1535 and 1569°C, respectively, demonstrating that
carbon ion irradiation can appreciably enhance Ag diffusion in polycrystalline SiC.
Although still lower than most reported D values from TRISO integral release experiments,
(1.5-35.9)x10®m?/s at 1500 °C [3,4,47,48], D value of irradiated sample at 1500°C is
similar to the D value of 7.1x10""m?/s reported by Bullock [5] for “medium SiC” from a
TRISO post-irradiation annealing experiment. Considering that the SiC layer in a real
TRISO fuel is subjected to more severe neutron radiation than this ion irradiation study,
the radiation enhanced diffusion coefficient is expected be higher than the values reported
here, and radiation could be responsible for the observed increased Ag release from TRISO
particles.

The magnitude of the diffusion coefficient, D, in unirradiated 3C-SiC increases with
thermal exposure temperature (see Figure 9), and it can be fitted to an Arrhenius
relationship

D = D,exp (;—g) 2

where D, (m?/s) is a pre-exponential term which describes the physical nature of the
diffusion mechanism, k is the Boltzmann’s constant (eV/T), T is temperature (K) and Q is
the activation energy (eV). The fitted Q and D, values of unirradiated 3C-SiC are 1.84+0.40
eV and (1.04+0.10)x10?m?/s, respectively. One should treat these values only as
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approximate estimates because the experiments were carried out over a relatively narrow
range of annealing temperatures and only one sample was investigated at each temperature.

Table 2. Coand D values for unirradiated and irradiated Ag/3C-SiC diffusion couples.

1500°C 10hrs 1535°C 10hrs 1569°C 10hrs 1569°C 5hrs 1569°C 20hrs
Unirradiated 2.56x10'6 3.61x10%¢ 2.56x10'6
Co(at/cm®)
Irradiated 4.92x10% 6.71x10%6 4.68x10'° 5.70x10'6 7.81x10'6
5.93+0.31x10" 7.994£0.74x10 8.84+1.19x10"
Unirradiated
18 18 18
D(m?/s)
7.32+0.74x10" 4.21+0.30x10 3.60+£0.21x10" 3.53+0.16x10" 1.80+£0.11x10"
Irradiated
17 17 17 17 17

Unlike the unirradiated samples, the D values of irradiated samples do not show even
an approximate Arrhenius temperature dependence (Figure 9). The lack of Arrhenius
dependence could be due to the narrow range of thermal exposure temperatures or to the
large grain size (~18um) used in this study. Specifically the grain size exceeds the Ag
penetration depth of 3.5 um and it is likely that only few GBs are involved in the observed
Ag diffusion. As GB diffusion is expected to be dominant, the measured Ds will largely
depend on the local microstructure (e.g., the type and network of GBs), which effect may
obscure the temperature dependence of diffusion. Nevertheless, the trends in D with
temperature of unirradiated and irradiated samples do appear to be qualitatively different,
indicating that other mechanisms may contribute to Ag diffusion in the presence of
radiation damage. It is possible that Ag diffusion in the irradiated samples, though higher,
is less sensitive to temperature than in unirradiated samples. It is likely that effects from
radiation damage significantly overwhelm temperature effects in the temperature range
investigated in this study. The observation of decrease in diffusion coefficient with
increasing temperature in irradiated samples may be due to the annealing of radiation-
induced defects. The radiation-induced defects, a probable source for the observed
radiation enhanced diffusion (RED), will annihilate faster at higher temperatures, which in
turn suppresses Ag diffusion. More experiments are needed to test this hypothesis and to
investigate radiation-induced defects and their annihilation during thermal exposure. D
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values determined from 1569°C isothermal exposure are consistent for samples that were
annealed for 5 and 10 hours, but D estimated from a 20 hour thermal exposure is lower.
This observation may be ascribed to greater annealing of radiation damage with exposure
time, and will be discussed in more detail in Section 3.2. However, caution is needed with
this interpretation since the measurement error for these results is not explicitly known.

The Co values in both unirradiated and irradiated samples do not show a clear
temperature dependence. This is likely due to the narrow range of temperatures
investigated in our experiments. This observation is consistent with lack of temperature
dependence found for penetration depth discussed in Section 3.1.2. However, it is clear
that the C, values in irradiated samples are about two times larger than in unirradiated
samples. Therefore, the irradiated 3C-SiC is able to accommodate more Ag than its
unirradiated counterpart.

It is interesting to compare the value of Co to the total number of SiC atoms in the
GBs to assess the GB solubility of Ag. Using a lattice parameter of 4.36A one can estimate
the total concentration of atoms in SiC to be about 9.7x10% bulk-atoms/cm?. Assuming the
GBs are about 0.5 nm thick and approximately 18 um grain size, yields an estimated
density of GB atoms in SiC of 2.7x10'® GB-atoms/cm?®. Taking the ratio of Co ~ 3x10%°
Ag-atoms/cm? to this GB atom density suggests a density of Ag in the GB of about 1.1x10"
2 atom fraction (Ag as a fraction of total number of Si and C atoms) for unirradiated
conditions, and about twice this value for irradiated material. Thus our results suggest the
GB solubility for Ag is about 1-2% atomic fraction.

3.1.4. GB diffusion and lattice diffusion in irradiated SiC

In polycrystalline materials, diffusion is a complicated phenomenon that involves
several fundamental processes, such as direct lattice diffusion from the surface, diffusion
along the GBs, partial leakage from the GBs to the lattice, and the subsequent lattice
diffusion near the GBs [49]. Depending on the relative contributions of such processes, one
can observe essentially different regimes of kinetics. Harrison has classified the diffusion
kinetics in polycrystalline materials into three regimes identified as Types A, B and C [50].
Here, we apply different kinetic regimes to our experimental results to provide insights into
the underlying mechanisms. In the calculations below we will use data obtained for
samples 1569°C 10 hours exposed sample as an example, but other samples show
qualitatively similar results.

Type A regime is observed when the lattice diffusion length, (Dit)Y?, is greater than
the average grain diameter, dgo. Usually Di<D<Dgp, thus in this study (Dj t)¥?<(Dt)*? =
1.14 um, smaller than the average grain diameter of 18 um. Therefore Type A regime is
not applicable to this study. Type C is applicable when the diffusion takes place only along
the GBs, without any substantial leakage to the lattice. It occurs when (Dit)Y/2<0.2s, where
s is the GB segregation factor and ¢ is the effective GB width. By applying our data and
using 5 = 0.5 nm, we can deduce that Type C can be applicable if s >1.11x10%. The
segregation factor in irradiated SiC is not explicitly known, but atomistic simulations from
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Ref. [13] showed that segregation factor of 3 GB in unirradiated SiC at 1200°C is 3.1x108.
Unless carbon irradiation greatly reduces this value, Type C kinetics may be applicable for
irradiated samples in this study. If Type C applies, the effect of lattice diffusion is
negligible and Dgy = D. In this case, the significant difference in the diffusion coefficient
between unirradiated and irradiated samples is solely ascribed to the enhanced GB
diffusion caused by carbon irradiation. However, if the carbon irradiation greatly changes
s value so that Type C is no longer applicable, both lattice diffusion and GB diffusion need
to be taken into account and one needs to consider Type B diffusion.
Type B regime is applicable when the following conditions are satisfied

sé6D
B = ﬁ > 10 2
0 <01 (3)

&= 2007
Under these conditions, Dgy can be calculated, using known values of D; and s and the
following equation [51]
$8Dgp = 132232 [~ 5=2ater] = (5)
In Figure 10 we plot InC vs (d-do)®® for an irradiated sample. By obtaining the slope from
a linear fit, the relation between D, Dgs, and, s can be defined using Equation 5. Then
applying Equations 3 and 4 we find that 1.74x102? (m?%/s) < Dy <3.41x10® (m?/s), 1< s
<140, and 3.41x1078 (m?/s) < Dg, <4.78x1071* (m?/s). From these calculations we conclude
that Type B Kinetics is applicable when segregation factor in the irradiated samples is lower
than 140. Although D, and Dgb, cannot be determined exactly, these calculations would
suggest that both GB diffusion and lattice diffusion coefficients are greatly enhanced as
compared to the unirradiated samples if Type B kinetics were accurate, for which Dy = 10°
29 (m?/s) [12] and Dgp ~ 10718 (m?/s) at 1569°C.

From the lattice diffusion coefficient extracted by assuming Type B diffusion, the
one-dimension diffusional distance (x)) can be estimated by x = (Dit)¥2. For 1569°C 10
hours exposed 4H-SiC sample, we can estimate 2.5 nm < x; < 349.9 nm. As can be seen in
Figure 6, hundreds of nanometer penetration of Ag is not observed in these single crystal
samples. This result suggests that either Ag atoms are trapped in the implantation damage
region, or Dy lies near the lower bound of the 1.74x1022 (m?%/s) <Di< 3.41x1078 (m?/s)
regime. In the latter case, the Dywill lead to few (or tens of) nanometers of penetration and
such penetration cannot be discerned experimentally.

While both type B and C kinetics are applicable, our result clearly suggests that the
ion irradiation enhances Ag diffusion in either case. The possible source of RED will be
discussed in the following atomistic modeling section.

3.2. Atomistic Modeling of Radiation Enhanced Diffusion
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Depending on irradiation temperature and fluence, different defect structures (such as
vacancies, interstitials, interstitial clusters, dislocation loops, and voids) can develop inside
of SiC during irradiation [52]. These irradiation-induced defects may change both bulk
diffusivity and GB diffusivity of Ag and lead to RED. In general it is unlikely that the
observed RED of Ag is through a bulk mechanism, i.e., although bulk diffusion might be
enhanced it is not likely that this mechanism is dominant.  First, such a mechanism would
require significant amounts of Ag dissolved in the bulk SiC lattice. Calculations from
Shrader, et. al. [12] showed that Ag solubility in bulk SiC is extremely low, suggesting that
Ag in single crystal SiC and in grains within polycrystalline SiC could reside primarily in
Ag precipitate clusters. This hypothesis is consistent with recent experimental studies
from Hlatshwayo [45], who found precipitates of implanted Ag in single crystal 6H-SiC
after thermal exposure at T<1300°C. In addition, the extremely strong GB segregation
predicted by ab initio studies [13,53] implies that even if bulk diffusion were accelerated
under irradiation, Ag would rapidly become trapped at GBs and the GB diffusion would
dominate any transport in a polycrystalline material. The absence of any bulk RED for
Ag is consistent with our results in Figure 6, where the single crystal SiC does not show
any enhanced Ag transport after irradiation.

The possible sources of RED in SiC GBs are difficult to analyze due to their structural
complexity, but we here provide some qualitative considerations of possible mechanisms.
For GBs with significant crystalline qualities (these are most obviously low angle or
coincident site lattice GBs, but also perhaps some regions of more disordered GBs) it is
expected that mechanisms can be at least qualitatively described by a model that treats the
local structure as crystalline.  Within that approximation, we considered what
mechanisms might accelerate Ag diffusion in a crystalline environment, with the idea that
these mechanisms might provide RED for some types of GBs. We assume at the outset
that these crystalline-like GB environments have enough disorder that there is sufficient
Ag solubility for it not to cluster into Ag metal precipitates, as it is likely to do in pure bulk.
The stability of substitutional Ag and the barriers for Si and C vacancy mediated diffusion
[12] suggest that substitutional diffusion of Ag is likely to be slow, and that facile Ag
motion in a crystalline environment is most likely through some form of Ag kickout
mechanism to access fast Ag interstitial motion. Such a mechanism has been seen
previously for other elements in crystalline SiC.  For instance, it was shown in Refs [54,55]
that irradiation of SiC may enhance the bulk diffusivity of boron through the kick-out
reaction Ag+1 — A;, where intrinsic interstitials [ kick out impurity atoms from
substitutional sites Ag to interstitial sites A;. A detailed model of possible kickout
mechanisms which might be active during integral release experiments is given in
following sections.

3.2.1. Kickout reactions as a possible RED mechanism
Ag integral release experiments to date typically involve heating an irradiated SiC
material often hundreds or thousands of hours after irradiation [3-5,47,48,56,57].

14




Therefore, any model to explain Ag integral release experiments in terms of RED must
include a mechanism by which irradiation can alter the kinetics after the irradiation has
long-since stopped. Excess vacancies are likely available in irradiated SiC after
irradiation and commonly lead to RED in metals (e.g., see Ref. [58]). However, a study
from Shrader et al.[12] has shown that high intrinsic Vsi and Vc hopping barriers
(approximately 2.70 eV, and 3.66 eV) mean Ag diffusion by vacancy mechanisms is
expected to be quite slow even in the presence of greatly enhanced vacancy concentrations,
and unlikely to provide the relatively low 2-3 eV activation energy observed in integral
release experiments. An alternative possible mechanism of RED is Ag diffusion as an
interstitial after being kicked out from its most stable substitutional position by a Self-
Interstitial (SI). This mechanism is consistent with the fast Ag interstitial (notated as Agrc,
tetragonally coordinated by C) diffusion predicted by Shrader et al. [12]. Although few
free S1 will survive after irradiation, BSDs, which are speculated to be Sl clusters, develop
during radiation [25]. BSDs are quite stable, and will persist long after irradiation. These
BSDs can be dissolved into interstitials [59] at the typical integral release experiment
annealing temperature of >1200 °C, providing a source of Sls to kick out Ag in GBs and
enable Ag motion. To assess if the kickout model for Ag RED is plausible we need to
consider if the following quantities are consistent with the observed Ag diffusion: (i) the
number of Sls provided by the BSDs, (ii) the rate Sls are generated by dissolving BSDs,
and (iii) the rate of Sl kickout reactions.

3.2.2. Self-interstitial as a source for kickout reactions

First the concentration of available Sls is taken into consideration. From simple
geometric arguments we can approximate the SI concentration when disk-shaped BSDs are
fully dissolved into Sls by Cg (at/m?) = Cggp(1/m?) X 2nd(m) X 7™t (at/m), where Csjand
Cssp are number densities of Sl (either a C or a Si) and BSD, d is the average diameter
of BSD, and s is the bond length of SiC in bulk (156 pm). Here we assume that the Sl
density in BSDs is the same as that of Si and C in SiC. In Table 3, TEM observations on
BSD concentration and size from Ref [60,61] are summarized, and the Sl concentrations
are estimated for each set of data under the assumption that the BSDs are fully dissolved.
The Cg for neutron and self ion irradiations are approximately expected to be 1x10%*-
1x102%® at-m3. In particular, Cs for C* irradiated 4H-SiC, which was irradiated under
conditions similar to those used in this study (similar radiation source, temperature, and
dpa), is estimated to be 2.6x10%* at-m~3[61]. The C* irradiated 4H-SiC data will be used
for the present analysis as it is the available data with the most similar irradiation conditions
to the experiments performed here. However, note that all values for Cs; in Table 3 are
larger than this value, so this value provides a lower bound within the data we have
collected. This exercise shows that the estimated Cs; is greater by two orders of magnitude
than the Ag solubility limit measured in our ion implantation experiment (~ 1x10%3at-m™3),
and greater by five orders of magnitude than Ag TRISO particle content measured before
annealing in integral release measurements (10'8-10° at-m3) [4,6]. Also the irradiation
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condition of post-irradiation experiments [3-5,47,48,56,57] and our ion-implantation
measurements are within reported BSD forming region reported in Ref. [60]. It is therefore
reasonable to surmise that these experiments led to BSD formation and that these BSDs
can provide a significant interstitial source during annealing. These results demonstrate
that enough Sl can be liberated from BSDs during post-irradiation annealing to potentially
enable kicking out of every dissolved Ag many times over, supporting our hypothesis of
Sl enabled RED. It should be noted that the BSD dissolution rate and S| concentration can
be different from one experiment to another, since they may have developed differently
depending on the irradiation condition.

Table 3. Measured density and size of BSD in neutron and Si ion radiated SiC [60,61].
The concentration of self-interstitials is estimated based on the geometry of BSD.

Irradiation
Implanted Fluence BSD BSD Density Estimated Csi
Reference Temperature .
particles “0) (dpa) Size(nm) (1/m3) (at/m3)
25
300 6 1.0 2.2x10% 3.7x10
Katoh, et _ z »
Neutron(3C-SiC) 800 4.5 2.6 2.6x10 1.1x10
al. 800 7.7 3.0 3.3x10> 1.7x10%
[60] 1000 10 4.0 2.6x10% 1.8x10”
Silicon(3C-SiC) m 2
1400 10 10.0 2.3x10 3.9x10
300 10 11 1.20x10% 2.2x10°
He, Neutron(3C-SiC) 300 7 1.0 2.10x10% 3.6x10°
etal. 500 7 1.9 7.80x10° 25x10°°
[61] Carbon(3C-SiC) 600 0.5 13 5.00x10> 1.1x10%
Carbon(4H-SiC) 1000 0.5 1.4 1.10x10> 2.6x10°

Now we estimate the rate of BSD dissolution and associated release of Sis, which is
an important factor to determine whether the SI mediated RED of Ag can be active during
annealing experiments. The dissolution rate (v®=°""") for an n-atom cluster can be
estimated from a simple model for thermally activated emission and diffusion away of the
interstitials in the cluster into an infinite medium with no significant interstitial
concentration (see Equation 6, taken from Ref. [62]). This model must be parameterized
by specific properties of BSD observed in carbon irradiation experiments, and we choose
those for the 4H-SiC (Table 3) due the similarity of irradiation conditions to this study. The
SIA-clusters are assumed to be in the form of a disc plate and to be stoichiometric, which
is the most stable composition [63]. Adapting the derivation of geometric reaction factor
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between a spherical-cluster and point defects, the thermal dissociation rate for disc-shaped

dissolution

clusters to emit i (Si or C) interstitial, v , can be written as [59]

—2

issoluti 2rd
V_dlssolutlon S—l — D ex —AE / k T 4
S = T D OPAE /(6 T)) O

where D;j is the diffusion coefficient of interstitial i in matrix, ro is the dislocation core
radius and is the half of the distance between dislocations. d is the average diameter of
BSD, and 2md = nf is given for the disk-shape cluster where # is the covalent bond
radii between Siand C. Q; is the atomic size of element i, kg is the Boltzman constant, T
is the annealing temperature, and AEp is the binding energy of an interstitial to an SIA-
cluster. The binding energy of interstitial can be calculated as AEp=Er (n-1) + EF(1) - Er
(n) [64] where Er(n) is the formation energy of n-atom SIA cluster and E; is the formation
energy of a single interstitial in a perfect crystal of 3C-SiC (taken as Ec =-3.24 eV, and Es;
= -3.17 eV [64]). The Er(n) are taken from the atomistic simulations based model
developed by Watanabe, et al. [63], which gave Er(n)=0.96n'+2.37n"2. It should be noted
that the defect formation energies in SiC, calculated by different potentials, have shown
inconsistency with each other. Also a recent first principle calculation work by Jiang et al.
[65] had shown the empirical potential may not be capable of predicting the correct
energetics or structures of small carbon interstitial cluster. Hence, the correct formation
energy model, even for larger interstitial clusters, may deviate from what was proposed by
Watanabe et al. [63]. However, there is very limited knowledge of the free energy of SIA
clusters, so we will follow the model from Watanabe, et al. [63].

The BSD is assumed to maintain the SiC stoichiometry, and we can therefore apply
Slezov’s multi-component system scheme to Equation 7 to get:

can(r /) KT

_2 _—
— dissolution (S—l) 2rd 6 ex ( EF (n +1) - E|: (n) — Eest

v )-(CeCs?) ()

where D,rr and E, are the effective diffusion coefficient and an interstitial formation

-1

energy for SI and C ( Beﬁ :4[(Xc,matrixDC,matrix)7l+(XSi,matrixDSi,matrix)il:I ) and

Eer =[x.E. +xE5]). Q is the average atomic volume of Si and C, Cj is the

concentration of element i in bulk (Cc=Csi=0.5), Ci, marrix is the i interstitial fraction in
matrix, and Di, matrix iS the diffusion coefficients in the matrix, where Dc=(9.57x108 m?s)
x exp(-0.78 eV/ksT) for C interstitials and Dsi=(9.57x10® m?s1) x exp(-1.58 eV/ksT) for
Si interstitials. The migration barriers associated with interstitial diffusion are taken from
Watanabe, et al. [64].

In this approach it is assumed that the dissolution process to liberate interstitials
from BSDs is a non-equilibrium reaction and is not Kinetically hindered at such high
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annealing temperature. Once interstitials are dissolved they are presumed to diffuse away
in this model. The total concentration of dissolved Sl in the system is estimated by
integrating vt when the irradiated SiC is annealed for a period of time. In Figure 11., the
dissolved concentration of Sl after 20, 200, and 2000 hrs annealing is predicted. The Ag
solubility limit measured in this work is also shown. For Sl kickout to enable RED of Ag
there must be significantly more Sls than Ag dissolved in the SiC. For the annealing
experiment in this work of 10 and 20 hours, the produced SI concentration is predicted to
be lower than the Ag solubility limit. The analysis of SI concentration therefore indicates
that the RED by Ag kickout reactions may show a very small effect on the Ag distribution
in this experimental work, consistent with what is observed. However, in the integral
release experiments, the annealing time typically ranges from hundreds to thousands of
hours [3-5,47,48,56,57]. Therefore Sl concentrations in the integral release experiments
are expected to be higher than Ag dissolved in SiC under given conditions and RED may
occur.

3.2.3. Kickout Reaction Rates
The next issue to explore in considering Sl enabled RED is if the reaction rates for key
steps in Ag kickout are fast enough to observe significant diffusion of Ag during annealing
integral release experiments. The reaction rates will depend on the reaction barrier and
energies of reactants and products. The change in enthalpy (AE=> Eproducts— Ereactants) and
reaction activation barrier (Ea) are shown for each relevant reaction in Table 4. Note that
enthalpies and energies are taken as interchangeable under the assumption that we are
working at 1 atm pressure. In this study, the products of reactions are assumed to be isolated
defects that are not bound, and any binding energies of defects are not considered. This
approach assumes that binding and unbinding of defects is not rate-liming. One exception
to this assumption is binding of kicked out Ag interstitials to any defects left after the
kickout reaction, as this binding could greatly alter the ability of interstitial Ag to diffuse.
In Table 4, R.1-4 Sl reactions with Agsu-V, the most stable Ag defect in bulk SiC
(Es=5.32 eV)[12], are calculated. These reactions are not to kick out the Ag but merely to
assess if the Sl can easily and favorably fill a vacancy site, leaving just substitutional Ag
(Agsub). The structure of Agsu-V (notated as Agg;— Ve in Ref [12]) is that a Ag sits in
between C and Si vacancy. Therefore the reactions are dependent on the orientation of Sls
(e.g., C interstitial next to C vacancy (R.1) and C interstitial next to Si vacancy (R.3) will
result different reaction energetics). In the R.3, the silicon interstitial relaxed on the carbon
vacancy site instantly when two defects began to interact with each other, and formed
Ags;— Sic with nearly zero reaction barrier. The reaction barriers for R.1, R.2, and R.4 are
calculated as 1.07, 0.24, and 1.75 eV respectively. All reactions (R.1-R.4) were
exthothermic (AE< 0) and substitutional Ag defects are formed, with or without antisite
defects depending on the reaction. We found that, for all SI reactions with Agsup-V, the SI
tends to fill a vacancy site to minimize total defect formation energy, with the specific site
filled depending on the SI species and orientation. The products of these reactions (Agsub
from R.1 and R.4, and Agsu,—antisite from R.2 and R.4) cannot be directly related to fast
release of Ag as they are largely immobile [12]. However, we found these products can
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further react with Sl through a kickout reaction to create Ag interstitials that can contribute
to Ag diffusion.

The Ag kickout reactions by Sls are next investigated. Following Ref [12], we notate
the final stable Ag interstitial, which sits in the tetrahedral site surrounded by C, with Agrc.
The essential reactions to produce Agrc are shown as R.5-R.12 in Table 4. R.5-R.8 show
the reaction between Sls and substitutional type Ag defects, which not only are the next
most stable defect type for Ag in SiC [12] but also are products of R.1-R.4, as discussed
above. The reactions R.9-R.12 show kickout reactions of substitutional Ag that are bound
to antisites, which are also products of R.1-R.4. For all kick-out reactions R.5-R.12 the
activation barriers range from about 2-5 eV. The reactions for substitutionals Ag on the
carbon lattice (2.11 eV for R.5, and 2.71 eV for R.6) had lower activation barriers than
those for substitutionals Ag on the silicon lattice (3.35 eV for R.7, and 5.14 eV for R.8).
Except R.8, the formation of Agrc by kickout of an isolated Agsus is overall energetically
favorable. For R.9-R.12, where Ag is next to an antisite, the reaction barriers for Ag
kickouts are 1.57, 0.88, 0.34, and 0.01 eV. These reaction barriers are calculated to be
lower than kickout barrier for substitutional Ag (R.5-R.8). However, it was found that the
interstitial Ag next to an antisite defect formed a bound defect cluster of Ag with the antisite
defects (a Ag — Antisite cluster). We define the binding energy of these clusters (Ep) as the
energy of the cluster minus the energy of the antisites in the same positions as in the cluster
and the energy of the Agrc isolated from the antisites (i.e., the products minus reactants for
Agrc + Antisite — Agint — Antisite cluster). The Agin—Antisite cluster binding energies
were -3.12 eV for the product of R.9 and -3.83eV for the product of R.12. Therefore,
forming these Agine—Antisite clusters are unlikely to result in mobile Ag. For these cases,
Ag atoms are likely to be trapped in a defect cluster and remain immobile. The AgQint—
Antisite binding energies are only -0.63eV and -0.45 eV for the product of R.5 and R.10,
and positive for the product of R.11 therefore long-term significant Ag trapping would not
occur for these reactions.

Table 4. Reactions between Sls and most stable Ag defects in bulk. The reaction
activation barriers (Ea) and the change in enthalpies (AE=Eproduct-Ereactant) are calculated
for each reaction.

Reac. # Reaction AE (eV) E; (eV)
R.1 (Ag-V) + C; - Agg; -5.63 1.07
R.2 (Ag-V) + C; » Agc—Cg; -1.66 0.24
R.3 (Ag-V) + Si; » Ags;—Sic -3.93 -
R.4 (Ag-V) + Si; — Agc -6.63 1.75
R5* Agc + Si; - Agrc + Sic -2.09 (-0.63**) 2.11
R.6 Age + G - Agrc -3.85 2.71
R.7 Ags; + Sij = Agrc -4.86 3.35
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R.8 * Ags; + C; — Agrc + Cg; 0.97 (-3.47**) 5.14
R.9 * (Agc-Cg;) + Sif = Agpc+Sic + Cg; 0.77 (-3.12**) 1.57
R.10* (Agc-Csi) + C; = Agrc+Cg; -0.99 (-0.45**) 0.88
R.11 (Agsi-Sic) + Si; = Agrc+Sic -3.36 0.34
R.12* (Agsi-Sic) + C; = Agrc+Sic + Cg; 1.36 (-3.83*%*) 0.01

* The products of these reactions actually form bound Ag interstitial — antistite (Agin—
Antisite) clusters, in some cases with significant movement of Ag off the Agrc position
and energy stabilization. Please see text for details.

** The binding energy (Ep) of Ag interstitial — antistite (Agin—Antisite) clusters, defined
as products minus reactants for Agrc + Antisite — Agin—Antisite cluster.

A number of reaction paths to kick out Ag from a substitutional site can be identified
from Table 4. For all types of stable Ag defects considered here, we have discovered a
number of energetically favorable reaction paths to kick out Ag and form Agrc. For each
path, we summarized the rate-limiting barrier (Er) and the total change in the free energy
(AEy) when forming Agrc from initial point defect energies. Once the unbound Ag
interstitial is formed, we are approximating the migration barrier for Agrc to be equal to
the Agrc migration barrier in bulk SiC, which is 0.89 eV. It should be noted that Agin—
Antisite clusters are often more stable than unbound Agrc (i.e., the binding energies (Eb)
of bound state of Agin—Antisite clusters are negative) and the paths which involve these
clusters in their reaction are marked with *' in Table 4. In these cases, only paths involving
weakly bound Ag-Antisite clusters (R.5* and R.10*) are considered for favorable reaction
paths as Ag atoms are rarely trapped.

Here, we explicitly consider the two-step reactions for transforming Agsu-V cluster
into a mobile Agrc. These paths involve a first step where vacancy of Agsuw-V defects
are filled (R.1-R.4). The vacancy filling reactions are exothermic and have energy barriers
<1.75 eV, which are small enough that this fist step is never rate limiting. Then these paths
have a second step where the substitutional Ag is kickout out. Here we list each possible
path, labeled P.1 — P.5.

(P.1) Cinterstitial reacts with Agsub-V to fill C sublattice. Then Si interstitial kicks out the
Agsi to form Agrc (R1—R.7). Er=3.35eV. AE=-10.49 eV.

(P.2) Cinterstitial reacts with Agsub-V to fill Si sublattice. Then C interstitial kicks out the
Agc-Csij to form Agrc (R.2—R.10%*).Er= 0.88 eV. AEi= -2.65 eV.

(P.3) Si interstitial reacts with Agsub-V to fill C sublattice. Then Si interstitial kicks out the
Agsi-Sic to form Agrc (R.3—R.11). Er= 0.34 eV. AE= -7.29 V.

(P.4) Si interstitial reactions with Agsub-V to fill Si sublattice. Then Si interstitial kicks out
the Agc to form Agrc (R.4—R.5%). Er=2.11 eV. AE=-8.72 eV

20




(P.5) Si interstitial reactions with Agsu-V to fill Si sublattice. Then C interstitial kicks out
the Agc to form Agrc (R4—R.6). Er=2.71 eV. AE=-10.48 eV

Next, one-step reactions for transforming Agsus, the second stable Ag defect, to form
mobile Agrc are considered. These paths involve a single step where the substitutional Ag
is kicked out (analogously to the second step in the above two-step reactions) and they are
labeled P.6 — P.8.

(P.6) Si interstitial kicks out Agc to form Agrc (R.5*%). Er=2.11 eV. AE=-2.09 eV.
(P.7) C interstitial kicks out Agc to form Agrc (R.6). Er=2.71eV. AE=-3.85¢eV.
(P.8) Si interstitial kicks out Agsi to form Agrc (R.7). Er=3.35eV. AE=-4.86 eV.

From the above discussion, we have shown that there are paths with barriers in the 0-
4 eV range (which can be overcome at TRISO integral release experiment temperatures)
for Agsuw-V and Agsu to be kicked out and to form Ag interstitials, including both types
of reacting Ag defect and Sl species. Based on the thermal equilibrium concentration of
Ag defects, which favor Agsuw-V clusters, (P.1), (P.4) and (P.5) are most likely reaction
path to kick out Ag as they all begin with this cluster. When Agsu-V interacts with Sls it
can readily form substitutional Ag with no vacancies nearby, which can then be kicked out.
When following this path the Agsub-V clusters can be kicked out to form interstitial Ag
with barriers of 3.35, 2.11 and 2.71 eV for (P.1), (P.4) and (P.5), respectively (see Figure
12). Although there are possible reactions that lead to Ag trapping due to a high reaction
barrier (e.g. R.1>R.8) or a strong binding energy as an Agin-Antisite cluster (e.g.,
R.1—>R.8* R.2—R.9* R.3—R.12*, and R.8%), the fraction of kicked out Ag is expected
to be greater than trapped Ag as the substitutional Ag concentration is likely much larger
than the Agsu-Antisite concentration. Once Agrc is formed, Ag can again form
substitutional Ag since Agc or Agsiare more stable than Agrc. However the reaction barrier
for Agrc to form substitutional on C site is 3.91 eV and on Si site is 2.98 eV, which is
substantially higher than the Agrc migration barrier of 0.89 eV. Thus Ag kicked out into
the interstitials state is expected to diffuse quite far before being trapped again as a
substitutional defect. The suggested barriers of 2.11-3.35 eV from reactions (P.1, P.4, and
P.5) are comparable with the range of the effective activation barriers measured in integral
release measurements, 1.84-4.24 eV [3-5,47,48,56,57], and the generally accepted value of
2.28-2.70 eV [66]. While the success of this model is suggestive, the hypothesis is still
quite speculative and needs further validation. In particular, the parameters used in this
model were taken from 3C SiC as our primary comparisons were to integral release
experiments done on 3C material. However, the data in the present paper is taken on 4H
SiC and a quantitative assessment of the present results would require evaluating all
parameters for 4H. Furthermore, this model treats only processes in a perfect crystalline
environment. A generalization of these studies to more realistic GB environments would
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be necessary to more fully assess the ability of these mechanisms to drive RED of Ag in
GBs.

3.3. Discussion on Mechanisms of radiation enhanced diffusion

In the previous sections we have shown, from both experiment and modeling, that
radiation can enhance Ag release through SiC. Based on these results, here we discuss a
possible effect of radiation on diffusion mechanism of Ag in single-crystal and
polycrystalline SiC.

In the modeling section we discussed a possible mechanism for RED, which is the
kickout of substitutional Ag by Sls. This process would be expected to occur in both in GB
and crystalline bulk environments. However no RED of Ag is seen in our single crystal
4H-SiC experiments (see Sec. 3.1.2). We interpret the lack of RED in the single crystal as
being due to the low solubility of Ag in a crystalline region allowing for only insignificant
substitutional concentration of Ag ions available for kickout. Thus the present kickout
model is relevant for regions where Ag energetics is sufficiently altered from bulk single
crystal to allow for significant substitutional Ag, but similar enough to crystalline to allow
crystalline energetics to provide qualitative guidance on possible mechanisms.

In Section 3.2, we discussed the possibility that interstitial clusters formed under
irradiation can dissolve under post-irradiation annealing, providing the source of C
interstitials, which in turn kick out substitutional Ag and lead to RED. We have argued that
the interstitials from this dissolution process are sufficient in number to enable significant
Ag transport, and that the resulting kickout mechanism has a barrier consistent with that
seen in integral release experiments. While this picture is all quite speculative, our analysis
suggests it is possible that some kind of kickout mechanisms supports RED of Ag through
relatively ordered GBs and provides at least a qualitative insight into what processes might
be occurring in crystalline-like regions. This mechanism of RED may explain the radiation
effects on Ag observed in Figure 3.

Itis also of interest to consider possible effects of irradiation on highly disordered GBs,
where a crystalline picture is unlikely to be a good approximation.  For highly disordered
GBs that can be considered approximately amorphous (high-angle GBs), the literature on
RED in amorphous materials strongly suggests that RED is likely. Diffusivities of
impurities in various disordered (amorphous) materials can be enhanced by orders of
magnitude due to irradiation [67-73]. Specifically, irradiation may increase the pre-factor
[67-69] or decrease the activation energy [70-73] of the impurity diffusivity, depending on
the diffusion mechanism. Mechanisms proposed for amorphous RED include changes in
mediating point defect concentrations [72], irradiation impacting collective diffusion [74],
and coupling to free volume [73]. Any of these mechanisms could potentially enhance
Ag diffusion under irradiation in high-angle GBs. Regardless of the difference in the
experimental conditions and proposed mechanisms in above studies, the reported
diffusivities in irradiated amorphous systems show an enhancement in D of typically by 1-
3 orders of magnitude. If we apply this amount of enhancement to the recently calculated
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D in a model high-angle GB [53] (1.9x10*®m?/s at 1500°C), the expected diffusion
coefficients of Ag in the irradiated high-angle GB is comparable to that reported for
integral release measurements (e.g., (1.5-35.9)x101°m?/s at 1500°C). However, this scale
of RED is significantly larger than observed in Table 2, and the magnitude of RED of Ag
in SiC under different conditions requires further investigation. Although there are still
many open questions about magnitudes and mechanisms, these observations on other
amorphous systems suggest that RED of Ag through a percolating network of amorphous-
like high-angle GBs may explain the observed radiation effects on Ag diffusion in SiC.
Overall, we see that for both more crystalline and more highly disordered GBs there are
possible mechanisms that could lead to RED for Ag.

Before concluding, we should point out that our C2+ irradiation experiments inject
excess C into the SiC samples and it is important to consider the potential effects of these
excess ions on Ag diffusion. To do that, we first calculate the total amount of C ions
injected during irradiation. From the total irradiation time (~4 hrs) and the flux (~8.0 x10%
at/m?/s), the total fluence of C?* ion can be estimated as 1.18x10?! at/m?. The total number
density of implanted C over the relevant sample thickness of about 1.5 mm is estimated as
7.3 x10?% at/m®. We now consider possible scenarios for the distribution of implanted C
ions in the system, and the potential impact of these scenarios on Ag diffusion. During the
irradiation, the implanted C ions are expected to enter the system as C interstitials [12,75].
C interstitials have extremely high diffusion coefficients at the irradiation and annealing
temperatures (the migration energy barrier is as low as 0.67 eV [12]). Therefore C ions are
expected to: (i) recombine with vacancies (leading either to healing of the lattice or to
formation of antisites); (ii) form interstitial clusters; or (iii) migrate to the GBs. If the excess
C ions associated with scenario (i) played a significant role in Ag diffusion, the effect
would have been expected to be observed in both single and polycrystalline SiC. However,
given our experimental findings that RED was observed only in irradiated polycrystalline
but not in irradiated single crystal samples, it is unlikely that case (i) leads to a significant
impact on Ag diffusion. In cases (ii) and (iii) the injected C may impact the GB diffusion.
However, to the extent that the injected C ions enhance Ag diffusion by a similar
mechanism as the interstitials released from BSDs (see Section 3.2.2), the injected ions are
not expected to alter the results. Specifically, the density of injected C is similar or smaller
than the concentration of radiation-generated C interstitials trapped in BSDs and released
during annealing, which is 102-10?° at/m® (see Table 3). Another possibility is that the
injected C ions create a non-stoichiometric local composition, which might impact the GB
transport through C enrichment. Under a simple model with cubic grains that are 18um in
length, 0.5nm thick grain boundaries, and the assumption that all injected C atoms migrate
to the GBs, the C concentration in GBs would increase by approximately 1.7 at. %,
measured as a fraction of all GB atoms. The potential impact on Ag GB transport of such
a change in C concentration in the GB is not known, but there is no a priori reason to
believe it will dramatically enhance diffusion.
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4. Conclusions

The effects of radiation damage in SiC on diffusion of Ag have been studied with the
goal of advancing the understanding of the transport of Ag fission product through the SiC
diffusion barrier layer in TRISO fuel particles. Polycrystalline 3C-SiC and single crystal
4H-SiC were irradiated with 3.15MeV C?*, followed by Ag ion implantation with 400KeV
Ag ions. The samples were annealed at 1500°C, 1535°C, and 1569°C for durations of up to
20 hours, followed by analysis of Ag distribution profile by SIMS analysis. For 3C-SiC
polycrystalline material, the damage introduced by carbon ion irradiation significantly
enhanced the diffusion coefficient of Ag as compared to the unirradiated samples, with the
difference decreasing with increasing temperature (likely due to defect annealing). The
diffusion of Ag in unirradiated samples followed the expected Arrhenius law, whereas for
the irradiated samples a nearly ‘flat-line’ behavior was found and was speculated to stem
from the counteracting effects of temperature and defect annealing. The Ag diffusion
coefficient was (1.8-7.3)x10"t'm?/s for ion irradiated 3C-SiC, and (5.9-8.8)x10®m?s for
unirradiated 3C-SiC. The C?*irradiated 4H-SiC single crystal, on the other hand, showed
no visible Ag diffusion due to slow lattice diffusion (even under irradiation conditions).
The increased effective diffusion coefficient in 3C-SiC was attributed to enhanced GB
diffusion in the irradiated area.

This study provides strong support for the hypothesis that ion radiation can
significantly enhance Ag diffusion in polycrystalline SiC. However, the observed
enhancement in diffusion coefficient in itself cannot account for the integral release
measurements ((1.5-35.9)x101®m?/s at 1500°C). In addition to irradiation, the release of
Ag can be affected by many other factors, such as the presence of nanocracks and voids
[7,76,77], change in the microstructure (including degradation) of SiC [78,79], the effect
of other fission products/impurities [80-84], and possibly combined effects of these factors
with irradiation. Further investigation is necessary to provide quantitative measure for
combined effects of radiation and other possible mechanisms for enhanced diffusion, such
as interaction of Ag with other fission products/impurities, the annihilation of radiation
damage during annealing, and the effect of the change in microstructure.
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Figure 1. STEM image showing the range of radiation induced damage in a C?* irradiated
polycrystalline 3C-SiC followed by Ag implantation and thermal exposure at 1569°C for
20hours, overlaid with damage profile calculated using SRIM software.
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Figure 2. SIMS Ag profiles of as-implanted and isochronally annealed unirradiated
polycrystalline 3C-SiC.
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Figure 3. SIMS Ag profiles of irradiated polycrystalline 3C-SiC, showing data for as-
implanted and isochronally annealed samples.
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Figure 4. SIMS Ag profiles for irradiated polycrystalline 3C-SiC. Data is shown for as-
implanted sample as well as for sample isochronally annealed at 1569°C for 5, 10, and 20

hours.
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Figure 5. SIMS Ag profiles of as-implanted and isochronally annealed unirradiated single

crystal 4H-SiC.
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Figure 6. SIMS Ag profiles of as-implanted and isochronally annealed irradiated single
crystal 4H-SiC. The annealed samples were exposed (a) to different temperatures for a
period of 10 hours and (b) to the temperature of 1569°C for a different amount of time.
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Figure 7. Measured Ag diffusion profiles (symbols) and fitted diffusion profiles (lines)
for polycrystalline 3C-SiC. Reference profiles for as-implanted samples were subtracted
from the profiles shown in the figure.
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Figure 9. Comparison of Ag diffusion coefficient D in unirradiated and irradiated
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Figure 8).
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exposed irradiated 3C-SiC. Diffusion coefficient can be determined by fitting the data to
Type B kinetics (Equation 5).
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Figure 11. The Sl concentration dissolved from BSD as a function of annealing
temperature and annealing time (for 20, 200, and 2000 hours). The SI concentration is
estimated using properties of BSD measured in C* irradiated 4H-SiC (Table 3). The SI
concentration when the BSD is fully dissolved is denoted with a dash-dot line. The Ag
solubility limit at about 1569°C is shown with black dot, and a guide to the eye is
provided by the dotted line.
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Figure 12. The rate-limiting barriers for Ag migration in the irradiated (Red) and
unirradiated (Blue) SiC. Only the most stable Ag defects are shown here. In irradiated
SiC, Ag kickout barriers are rate-limiting barriers as the migration barrier of Ag is 0.89
eV. In unirradiated SiC, reorientations of defect complexes are the rate limiting barriers
[12].
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